Abstract This paper reviews polymer response to shock and discusses how plastics behave differently depending on the strain rate applied. The author uses polyethylene, polytetrafluroethylene, polycarbonate and epoxy as example materials. It is suggested that there are two distinct regimes of polymer response corresponding to low and high shock pressures (weak and strong shock regimes) that must be considered separately. Above a high pressure threshold it is proposed that polymers homogenize to carbon-containing structures which behave similarly. Further, the yield stress of a polymer volume element asymptotes to the theoretical strength of the material as volume shrinks to zero. It is suggested that these two behaviours reflect the same physics and this feature is common to the condition identified earlier for crystalline materials.
Introduction
As applications of polymers and novel polymer matrix composites grow, they are placed under increasingly more extreme environments such as impact, in space or under high temperature conditions (e.g. [1, 2] ). In these environments, composites are engineered with increasing strength and with components at scales from micron fibres to nanoscale carbon inclusions [3, 4] . Further, understanding of the dynamic response of polymers and polymer matrix composites at high pressures and strain rates is vital to fully describe the response of structures [5] [6] [7] [8] [9] [10] [11] [12] .
Polymers have received relatively less attention at high pressure and strain rate than other classes of material. However within the limited literature available, there have been indications from the first that behaviour was of a different nature to that observed in metals [13] . For example, Champion, in studying polytetrafluroethylene (PTFE), noted a change in slope in the shock velocity, U s , particle velocity (u p ) curve, corresponding to an impact stress of about 0.5 GPa, and giving a volume change of 2.2 % [14, 15] . The first comprehensive overview of the shock response of thermoplastics, thermosets, and rubbers was done by Carter and Marsh and more recent work has built on these studies [13] . This paper will review response across a range of distance and time scales. It will thus be useful to describe mechanical deformation and components of structure using a terminology defined here. There are already a number of terms used in differing manners across the physical and engineering sciences; 'microscale', 'mesoscale' and 'macroscale' will be used to define regions within a solid. However, to avoid ambiguity, a framework is defined here to expand on these and relate scale to mechanical response. For each one discussed an order of magnitude dimension is included. The 'atomic scale' (ca. 0.1 nm) builds to an assemblage of atoms to define the 'nanoscale' (ca. 10 nm). In polymers, chains make links through Van de Waals and London forces that are weaker than the intrachain bonding. They can fold one upon the other to form lamellae which may grow into spherulites (of order 1 lm but often larger) and analogous to grains in crystalline solids. The strength of the solid drops across the boundary as defects may be & Neil K. Bourne neil.bourne@manchester.ac.uk present there. An assembly of spherulites, defects and second phase particles will combine to form a representative volume element that constitutes a microstructure and defines mechanical response at larger scales. A 'component' (ca. 1 mm) is introduced here as an element of a 'structure', the largest scale considered here. With this set of definitions the term 'microscale' will be used to describe the atomic and nanoscales, the 'mesoscale' the transition to the component scale, and the 'macroscale' will combine the component and the structural scales. The boundaries between each, between micro-and meso-(at the grain boundary) and between component-and structural-at a joint, represent drops in local cohesion at which failure may occur. At the end of the mesoscale regime strong electrostatic forces cease to dominate response and interactions can be regarded as mechanical (for further discussion see [16] chap. 8).
The polymer responds to a mechanical impulse defined by a particular rise time, duration and amplitude and it sweeps different depths within the microstructure as it propagates. An element of material responds by a deformation mechanism and this has a particular threshold and relaxation time associated with it. A changing stress state must nucleate and allow damage mechanisms to begin. Flow can only proceed as long as release does not occur before the mechanism has completed. The physical region sampled by the pulse and the defects within it will determine the stress required to start plasticity and this strength will approach its theoretical limit as loading time is reduced.
Shock waves are known to display structure within their fronts. At lower stress amplitudes, elastic waves precede an inelastic rise to the final pressure whilst under more extreme loading there is a single shock to peak stress. It has been shown for a range of solids that the transition from defect dominated (weak shock) to homogeneous (strong shock) behaviour has a threshold stress and the term weak shock limit (WSL) has been used to describe it (see discussion in [16] [17] [18] [19] [20] [21] ). This limit has been shown to correlate with the theoretical strength of the material and free volume has been eliminated beyond this stress. The present work will suggest that as volume sampled is reduced and pressure is increased the strength approaches such a threshold.
Engineers have shown over many years a strong dependence of polymer strength on strain rate when the materials are placed in dynamic environments [22] . A common appreciation of this relates increasing strain-rate to higher elastic moduli since excited polymer chains have reduced relaxation times [23] . This work will aim to review the micromechanics evident in polymer response at high strain rate and to use amorphous materials polycarbonate (PC) and an Epoxy and a partially crystalline material (PTFE) to illustrate features of behaviour under the highest compressions and strain rates whilst referring back to the simplest hydrocarbon polyethylene as a baseline material [24] .
Materials
Polymers are a class of primarily amorphous solids whose microstructure has varying degrees of order at the mesoscale generally controlled by the synthesis route [25] . Their response to mechanical loading can be divided into quasistatic, intermediate rate and shock regimes and this paper will focus on the latter. Quasistatically, their strength takes differing values according to microstructural changes accessed as temperature rises [26] . In the glassy regime, polymers exhibit high stiffness (large modulus) that drops across the glass-transition as the microstructure expands and becomes a rubber [27] . At higher temperature response again enters a viscous regime where the polymer starts to flow and at higher values still they eventually decompose. Thus mechanical properties change rapidly with temperature but also with the time that is spent under load since high strain rates and low temperatures restrict the modes of deformation in the chains within the microstructure [28] .
Some polymers (e.g. thermosets) are amorphous and show no order; polycarbonate (PC) and epoxy discussed here are in this class. The epoxy tested in [29] was cured from a mixture of an epoxy resin mixture, a flexibilizer, and a hardener. The resin mixture consisted of 14-22 % 1,4-butanedioldiglycidyl ether (C 10 H 18 O 4 ) and 78-86 % of the product of reaction between epichlorohydrin (C 3 H 5-ClO) and bisphenol to give an approximate empirical formula of C 21 H 24 O 4 [29] . The thermoplastic PTFE is semicrystalline and consist of spherulites embedded within an amorphous matrix [30, 31] . Each of these classes displays different response to loading at quasistatic rates than under shock as discussed below [32] [33] [34] . In a polymer, the Fig. 1 Monomer units for a PE, b epoxy, c PTFE and d PC discussed below molecular building blocks, which forms the chain (the monomers from which it is made) provide only short-range order when a large volume of material is under load but assume more importance as impulses become shorter. The repeat units for PC, epoxy and PTFE are shown in Fig. 1 along with that of the simplest thermoplastic polyethylene (PE) for reference. The chains themselves and their arrangement under differing environments determine statistical limits upon observed behaviours. However, as pulses become shorter (and length scales decrease) the interactions at the microscale control the dynamic behaviour of the polymer and strength is fixed by the confining pressure and determined by the intrachain and Van der Waals forces between chains [25] .
Previous work has measured ambient mechanical properties and shock response for the materials discussed here and this is summarised in Table 1 .
Shock Compression
There is a ready supply of mechanical data concerning the response of polymers at low and intermediate strain rates (see [35] for example). However, there is a relative paucity of shock data as the loading becomes more rapid and the impulse amplitude increases [13, [36] [37] [38] . In the high shock pressure regime, there is only one extensive study (using explosive lenses by Carter and Marsh) and written up into an openly accessible report by Fritz and Sheffield [13] . This means of loading only subjected targets to high stress levels and Taylor wave loading and so there is little detail for response at lower stress amplitudes where the shock was not overdriven. However, the work nevertheless shows an indication of behaviour across the class of materials. Laser compression with ultrafast spectroscopy as a diagnostic has also probed structural stretching and relaxation processes with polymers subject to femptosecond loads [39] [40] [41] [42] .
The phase diagram for PTFE is shown in Fig. 2a ) [43] . Under laboratory conditions at room temperature, a pressure-induced phase transition has been reported in PTFE at 0.50-0.65 GPa (Phase II-III). Other work has determined the dynamic transition behaviour in the polymer [44] [45] [46] [47] . Phase II PTFE consists of a helical conformation with a 13 atom repeat unit and a well-ordered hexagonal packing of the helical chains, while in phase III the helical conformation gives way to a planar zig-zag and the chain packing takes on an orthorhombic or monoclinic lattice structure. Recent work using a high-pressure diamond-anvil cell and near-infrared Raman (NIR) spectroscopy suggests the transition occurs at 0.65 GPa and exhibits around ±0.05 GPa of hysteresis [48] [49] [50] [51] The phase transition results in a 13 % local volume change within the crystalline domains and a considerable reduction in compressibility. PTFE also exhibits two atmospheric pressure, crystalline transitions at 19 and 30°C [52] .
It is found for a range of materials (that don't change phase) that the relationship between the shock velocity U S achieved and the driving velocity u p , is a linear relation related via two constants thus
The constants c 0 and S are generally determined by experiment. However, the first is related to the bulk sound speed (and in metals such as copper can be shown to be so) while the second, S, reflects the rate of change of compressibility of the material with pressure (dK/dP for a material deforming hydrodynamically; see derivation in [53] ). In materials that change phase, there is generally a transition state and linear behaviour in regimes either side of the transformation state. In this case S is fit to collected data either side of this point and generally takes different values either side of the transformation state (see [53] for example). Unlike in simple metals, a bulk sound speed, c 0 , calculated from ultrasonic measurements of c L and c s does not correspond to the intercept of the plot of Eq. (1) for polymers and generally lies above this value. Secondly in the low pressure (below the 20-30 GPa transition) the curve in many polymers has a non-linear form and may be fitted with a polynomial to represent the data.
Shock data on PTFE obtained from various commercial and pedigree sources has shown there to be no significant Data from [16] and [13, 36, 37] Q density, c L longitudinal wave speed, c s shear wave speed, c 0 bulk wave speed, S the shock parameter effect of controlled production and purity at least within the experimental scatter (Fig. 2b ) [44, 54] . Figure 2 b) shows stress-particle velocity data for the range of materials with a best-fit line superposed onto the data. However, this lowpressure region contains the phase transformation from phase II to phase III which occurs at 0.7 GPa and at a particle velocity of ca. 0.19 mm ls -1 (note the dashed line in the figure).
For many commercially available polymers and specially produced plastics, a linear response is observed above a particle velocity of ca. 0.2 mm ls -1 . The intercept on the shock velocity axis c 0 is less than the ambient longitudinal sound speed c L as noted previously. Lines are plotted on the curve showing fits to literature constants for PTFE (given in Table 1 ) and determined in [13, 36, 37] . There have also been recovery experiments that show details of changes in crystallinity in the low pressure region [45] . Shocking material within phase II (\0.7 GPa) results in a decrease in crystallinity, decrease in Young's modulus, decrease in yield stress, and little change in microstructure. Conversely, transition from phase II into phase III ([0.7 GPa) results in increased crystallinity, an apparently independence of pressure, increase in Young's modulus, increase in yield stress and significant microstructural refinement [46] .
The low pressure equation-of-state measurements made across a range of polymers reflect the integrated effect of the density of the materials and their strength in the this region which is dominated by Van der Waals' forces between interacting polymer chains; larger for the fluorinated PTFE than the hydrocarbon polyethylene (PE). Here changes in mechanical response are most closely linked to changes in the percentage of crystallinity and crystalline domain size [46] . Nevertheless Carter and Marsh showed that the low-pressure data can be approximated assuming only a two-dimensional force field is present between chains in a shocked thermoplastic [13] .
Nearly all polymers show a further high-temperature (ca. 2000 K) and high-pressure transformation at 20-30 GPa for which the volume change is also large (Fig. 3) [13] . This is seen as a discontinuity in the slope of the U s -u p curve at u p = ca. 3 mm ls -1 . This is shown here for the polymers PTFE and PC and vertical dotted lines mark the particle velocities at which the pressure reached 25 GPa; PTFE to the left and PC to the right. As seen above, behaviour in the low pressure regime is dominated by rotation and rearrangements of chains subject to weaker . The phase II to III boundary is shown as a vertical dashed line [44, 54] Fig. 3 U S -u p for PTFE and PC to high pressure; transition at ca. 25 GPa in each polymer. The shock velocity is displaced vertically for PTFE by 1 mm ls -1 to display behaviours more clearly [13] . The vertical dotted lines mark the particle velocities at which the pressure reached 25 GPa; PTFE to the left and PC to the right Van der Waals' and London inter-chain forces. Carter and Marsh suggest that at high pressure, as separation reduces, the observed behaviour approaches that of an homogeneous, diamond like solid and this is supported by the magnitude of the weak shock limit for these materials [13, 55] . By this threshold significant volume change has occurred and the transformation that results is analogous to the carbon-diamond transition where covalent bonds are broken in favour of tetragonal bonds between planes [56] . The reader will notice that the value of S above this point is close to the same in both PTFE and PC and this is found to be the case for a range of polymers for which shock data is available [36] . The slope S = 1.47 in this high pressure region.
In crossing the WSL boundary a shift in behaviour and properties is found and the resulting microstructures may be expected to have markedly different properties to those of the parent polymer. In summary, low pressure shock behaviour is akin to densification of a porous medium whilst the high pressure transition accesses fully dense behaviour with an overdriven strong shock regime in plastics familiar in other classes of material where the response is homogeneous.
Strength
The non-invasive measurement of in-material states of stress and strain within loaded targets is a paradigm that has yet to be fully achieved yet the shear strength within compressed materials represents an integrated history of microstructural evolution within the loaded targets (e.g. [57, 58] ). To do this requires sensors to measure these changes during the compression impulse. Mounting these sensors within polymers is simple and reproducible since the material is an insulator and the mounting epoxies are matched to the target. In recent times, great advances have been made using manganin sensors to achieve this goal [59] [60] [61] [62] [63] [64] [65] . To appreciate the technique requires a brief digression into stress states behind a shock front when the material has been shocked to a state of macroscopic uniaxial strain. In such a regime there is a biaxial stress system behind the shock consisting of longitudinal and lateral components and sensors have been developed to probe their development [16] . Further details of the flow at low stresses must be taken into account so that a staged refinement of the analysis used to deconvolve the change in resistance back to stress can be used over the range of stresses up to the weak shock limit (where homogeneous and hydrodynamic behaviours ensue) [66] [67] [68] [69] [70] . In what follows the evolution of the shear stress during impact in a range of polymers is determined in the lower pressure regime with embedded gauges. Figure 4 shows the development of the stress field within the thermoset epoxy compressed by impact in the low-pressure regime. Sensors were embedded in the flow, a distance from the impact face to observe the development of the stress field behind the shock [29] . In each case the difference between the two components of stress determines twice the shear stress and these strength histories are represented by solid lines in the figure. The epoxy has an isotropic network structure and so weaker crosslinks dominate response. As shock amplitude increases, shear stress rises behind the front as the pressure in this range increases. The longitudinal and lateral stresses rise rapidly in all cases and whilst the former is flat, the latter slowly relaxes; (although only the longitudinal component is shown here). The figure shows the response at two stress levels with the impulses displayed along with two corresponding shear stress histories. At these lower amplitudes this epoxy strengthens in an almost linear manner over the microsecond or so of the experiment. As the stress level is increased, the rate of rise increases and at higher stresses again the final strength asymptotes to a maximum value. This is interpreted as the compression of a microstructure not yet at full density and the evolving strength corresponds to the interaction of polymer chains at increasing compression.
Having described response in a thermoset epoxy, Fig. 5 shows lateral stress histories for PC. Again the longitudinal stress histories show well-formed, flat topped impulses. Those in Fig. 5a) show two experiments in which the sensor was positioned 2 mm from the impact face. They were recorded in two shots at the same impact stress. In both cases the longitudinal stress induced was 1.5 GPa but Fig. 4 Response of the thermoset epoxy. Two stress levels 3.5 (solid) and 2 GPa dashed) showing evolution of the shear stress behind the shock [29] the experiments represent different loading geometries; in one case, an asymmetric impact with a metal flyer plate and in the second, a symmetric impact where the impactor and target were both polycarbonate. The two stress histories show differing response over the first microsecond but lie one upon the other thereafter; there is a perturbation in the case of the metal flyer over the first microsecond after which the shear stress behind the front relaxes to that seen in the symmetrical case. In that case the lateral stress falls monotonically (the shear stress increases). The behaviour for asymmetric impact when sensors are placed at other depths back from the impact face is shown in Fig. 5b ) at 2 mm and c) at 6 mm.
The region near the impact face sees an unsteady response for a period of a microsecond or so before the lateral stress equilibrates (Fig. 5b) . This does not correspond to any wave transit across the target or within the impactor but to equilibration of the microstructure to the lateral strain that exists at the impact face (in classical terms where the differing Poisson's ratios of the two materials allow lateral motion). In the bulk of the material (Fig. 5c ) the lateral stress drops monotonically showing the shear stress rising behind the front as these polymers develop resistance to flow. Furthermore the shear resistance rises more rapidly at higher stress as the impulse compresses microstructure to achieve high density.
The flow near an impact surface in the weak shock regime is only one-dimensional at the macroscale and then only when flyer and target are of the same material so that flow is symmetric. Brittle materials attain an inelastic state by microfracture driven from the impact face; such a zone also exists in metals but now stress state equilibration by slip is much faster. Indeed there is always such a region where materials of differing impedance interact, in which surface lateral strain must exist and in which assumptions of one-dimensional behaviour breakdown. This region is of greater extent in polymers than is the case for metals and brittle solids as can be seen above. Nevertheless there are features of the behaviour that are due to this asymmetry in the flow in both the other classes of materials. In metals this is seen in variation of microhardness in material in the hundreds of microns near the impact face, whilst in brittle ceramics, fracture waves are initiated when the impact is asymmetric that are not present in the symmetric case [71, 72] . In polymers the surface zone is of a different nature since in this case the response is dominated by densification of the initial open structure; by Van de Waals forces in thermoplastics or compressing cross-linking bonds in thermosets. This densification zone defines the response of plastics to dynamic loads above the yield stress and the shock regime exemplifies this behaviour well as these histories show.
The Limits of Yield
The strength of polymers is controlled by electronic and steric interactions, which in combination act to define response during dynamic loading. In the low-pressure region, molecular spacing and geometrical conformation are key in defining the development of the material's strength under compression. However, in all the cases investigated here, polymers show increasing shear strength with pressure consistent with static measurements [73] . A change in behaviour is found in almost all plastics when compression reaches the point at which Van der Waals' repulsions are overcome. In other work this threshold has been attributed to a transformation but it has been Fig. 5 Impact on polycarbonate at two stress levels ca. 1.5 and 3 GPa. a Lateral stress histories for the sensor 2 mm from the impact face for a symmetric (PC flyer/PC target; upper trace) and an asymmetric impact (metal flyer/PC target; lower trace). In both cases the longitudinal stress induced was 1.5 GPa. To allow details of the history to be observed more easily, the symmetrical impact stress has been multiplied by a factor of 1.1 so that the histories lie distinct from each other for clarity. b Metal flyers launched at targets with lateral and longitudinal sensors at 2 mm and c at the 6 mm station. Lateral and longitudinal stress are dashed and shear stress histories are solid curves [81] suggested above that this is the limit above which a material's theoretical strength is overcome; the weak shock limit [13, 19] . Material strength data has been collected in a series of tests corresponding to different loaded volumes and as the pulse duration is reduced, the strength increases. This data is collected here to suggest that strength measured approaches the theoretical strength at the pressure where the change in shock behaviour is observed.
Data exists for the quasistatic and intermediate rate testing of the yield stress of polymers at differing strain rates ( [74] for example). As strain rate increases, the stress equilibration time for each dynamic test reduces and the impulse delivered samples smaller and smaller regions [75] . This behaviour ensures that determination of strength occurs at three scales; structural response probed at the macroscale, component response probed at the mesoscale and within the constituent components at the microscale in these tests. Even at this scale measurements using traditional means render a series of values with some statistical spread fixed by variations in the packing of the chains [30] . Testing at intermediate rates from quasistatic to Split Hopkinson (or Kolsky) Pressure Bar shows strengthening over a range of strain rates up to ca. 10 3 s -1 of the same order as seen in metals (see Fig. 6a for PC and PTFE). [32, 35, 74, 76, 77] . Within this data the compressive behaviour of both PTFE and PC show strengthening within both the thermoplastic and the amorphous polymer. Indeed there is an increase of hardening rate around 10 3 s -1 as observed in other solids [78] . For PC, data exists for not only compressive but tensile strength as a function of strain rate [79, 80] . It will be seen that tensile approach compressive strengths at the highest strain rates.
The strain-rate associated with a test may be transformed into its components in order to recover the loading time and spatial zone accessed within the material. The strain at failure may be determined from the yield stress through the modulus. This is then used along with the tabulated strain rate to calculate a characteristic equilibration time for the process at the scale at which the test is conducted. In addition, tests on small volumes of material or with short pulses can be added to the data to review the strengths deduced in these experiments. Such a process has been conducted on the data from Fig. 6a ) to construct the transformed datasets in Fig. 6b) . The upper points correspond to data for PTFE, the lower for PC. The logarithm of strength is plotted against the logarithm of the time duration of loading and data for plate impact (ca. 10 ns) and laser shock loading (\1 ns) are included for PC to show behaviour at the smallest pulse lengths [43, 44, 81, 82] . The impulse sweeps a volume and a characteristic swept length scale can be calculated via the wave speed for the material. Since the scale is logarithmic and the wave speed of polymers slow (ca. 1 mm ls -1 ), the scale can be read in either lm or ns for sweep distance or loading time in this case. The laser shock pulse is probing distances of order a few monomer units within the polymer and records deduce values for the strength that approach the theoretical strength for the material. Two points are shown on the ordinate that correspond to the Frenkel formulation of the theoretical tensile and shear strengths of polycarbonate calculated from the moduli measured under ambient conditions (E 0 and l 0 ) [83] . Clearly these data are exceeded at the highest pressures since the modulus itself is rapidly changing during compression and plate impact strengths included here at two nominal low pressures are around this limit for both the polymers considered. Finally a theoretical strength is included at a nominal 0.1 nm calculated using a quoted modulus for carbon nanotubes (E 1 ) which might be assumed to approximate an idealised strength for the nanoscale phase of compression [55] . Whilst the laser measurement does not reach this value it is close to it indicating that such tests may be used to directly probe the ultimate strengths of condensed phase materials. The shaded region separates a microscale from a mesoscale response and potentially two different classes of mechanism in each case. Thus intermediate strain rate and shock data probe different bonding and strength properties with a polymer. Further the boundary between these regions separates ordered from disordered regions within the microstructure.
Discussion and Conclusions
The response of polymers to high dynamic pressure emphasizes the need found across materials' physics to combine results from all the existing platforms and new imaging techniques to understand the complex response of these materials. Advances in new tools and diagnostics have illuminated their response dramatically and this is favoured since they have low density and can be easily penetrated by X-ray and particle sources to image deformation in real time under load [84, 85] .
Their response to a dynamic impulse shows behaviour of a different nature to that of metals and ceramics which are close-packed at the bond (0.1 nm) scale. The micromechanics of the response of polymers to weak shock can be described in terms of the packing of the polymer chains at distances of five to ten times these dimensions. While the response of fully dense metals or ceramics in the weak shock regime is dominated in the first moments of load by the creation of localised regions to accommodate macroscopic strain, polymers respond by compressing against the weaker inter-chain Van der Waals forces or the lower density of cross-links [53, 70] . Microscale packing dominates behaviour and with approximately inverse square dependence on chain separation response is sensitive to conformation once compression begins [31, 86, 87] .
Strength increasing behind the shock results from the closer proximity of the molecular components with strong attractive bonding and greater steric entanglement that resists further strain as time develops [73] . The strength of the repulsion reflects the electronegativity of the included atoms with sulphur showing less effect than oxygen and with fluorine applying the greatest force and exhibiting the greater strength. At these pressures cross-linkage in thermosets shows negligible difference to the behaviours observed with thermoplastics that have none, which illustrates that these different configurations, so important under ambient conditions, are homogenised as pressure increases. Across all of this densification range, compression of the open structure against the Van der Waals bonding or cross-linking in the cells does work that is converted to heat within the lattice. Thus it is no surprise that the strain input over a particular time is analogous to heating to an equivalent temperature. This behaviour is reflected in the response of PTFE and PC discussed in detail here but also in a wide range of polymers studied under shock. At larger compressions there is a transition to the strong shock regime for the polymer (at ca. 25 GPa in the materials discussed here; Fig. 3 ) and this represents the weak shock limit for these materials beyond which response is homogeneous [19, 21, 55] .
Finally while micromechanics dominates polymer response, mechanisms still remain to be fully understood in depth. Any length scale has three phases of behaviour; localisation, flow and interaction and at least in the densification regime, polymer stress state stability is frequently not achieved in short impulse, low strain, laboratory tests [16] . Thus integrated loading techniques developed for metals (such as Taylor impact) reveal the transit to stress state stability over milliseconds for polymers where microseconds were sufficient in metals [16, 43, 88, 89] . At the present time most polymer constitutive models in use in hydrocodes are top level, semi-empirical fits to behaviour that have severe limitations in their applicability since they borrow concepts based on viscoplasticity and are fit to data in which the stress state is rarely steady (e.g. [47, 52, 88, 90, 91] ). Future developments in theory and experiment must advance in tandem if models are to become more accurate and predictive. In all of the idiosyncrasies of polymer response in shock, it is the kinetics of the densification behaviour that must be addressed first in order to full reconcile observed states with the microstructures loaded. The complexity of polymer response has sometimes mediated their use in dynamic environments but greater understanding will ensure polymers become key components of the structures of the future in demanding and extreme environments.
